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Abstract The present study characterizes the formability

of thin polyelectrolyte films which were modified by curing

and alternatively reinforced with nano-sized clay-platelets.

To investigate the suitability of modified polyelectrolyte

coatings for biomedical applications, films were applied on

both the polycrystalline and single crystal NiTi 50.9 at.%

substrates and mechanically deformed in simulated body

fluid (Hank’s solution) under cyclic tensile loading. In situ

electron backscatter diffraction, in situ confocal laser

scanning microscopy, photoelastic-modulated infrared

reflection absorption spectroscopy, and ellipsometry mea-

surements were employed to study defect formation. Based

on observations from the substrates and films, conducted

before and after to mechanical testing, defect formation

during tensile cycling was related to substrate and film

characteristics. Defects emerged particularly in unmodified

and cured polyelectrolyte films on both polycrystalline and

single crystalline substrates within areas of pronounced

topographic changes. In contrast, the nanoclay-modified

coatings remained defect free, indicating a remarkable

improvement of formability, which can be related to the

reinforcing clay-platelets within the polyelectrolyte matrix.

Introduction

Based on the stress- or thermally induced reversible au-

stenitic (B2) to martensitic (B190) phase transformations,

nickel–titanium shape memory alloys (SMAs) provide high

recoverable superelastic strains. In addition, NiTi SMAs

are known to be biocompatible [1, 2], rendering these

materials appropriate for various biomedical applications.

Thus, NiTi SMAs are utilized for the fabrication of clinical

instruments and components such as self expanding stents,

dental implants, bone anchors, or tendons [2–5]. As nickel

is a potential toxin within the human body [6], which may

cause degeneration of muscle tissue and allergic responses

[7], the use of NiTi for long-term implants is still contro-

versial. Although numerous studies have shown that

Ni-release typically remains marginal during implantation

because of the formation of an adherent passive oxide

[8–12], increased Ni-release cannot be excluded because of

the high pitting corrosion sensitivity of untreated implant

surfaces [13]. Even well-adjusted, low nickel-content sur-

faces obtained by surface treatments such as electro-pol-

ishing, chemical passivation [11] or selective oxidation [14]

are potential sources for Ni-release from buried, nickel-rich

sublayers [15]. Thus, additional coatings are required to

provide a sufficient protection from long-term Ni-release.

Recently, different ceramic coating systems, such as

TiN, ZrO2, Al203, and diamond-like carbon (DLC), have

been successfully applied on NiTi substrates; however,

although a remarkable increase of the breakdown potential

was observed, these studies did neither consider the par-

ticular mechanical requirements of coatings for biomedical

implants [16–18] nor revealed a sufficient formability of

the brittle coating materials [19].

Clearly, a coating is needed, which matches the

requirements of slender implant structures as well as the
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large superelastic strains caused by implant deployment

and strains induced by the pulsating nature of the blood

stream [20]. Recently, it has been demonstrated that layer-

by-layer (LBL) polyelectrolyte coatings are capable of

matching some of these requirements [21]. The formation

of polyelectrolyte coatings such as polyacrylic acid (PAA)/

polyallylamine hydrochloride (PAH), was introduced by

Decher et al. [22]. Owing to the electrostatic adsorption of

anionic and cationic polyelectrolytes, polyelectrolyte films

can be applied on complex structures by means of alter-

nating dip coating from charged solutions [23, 24]. Fur-

thermore, polyelectrolyte films can combine good elastic,

biocompatible [25], as well as barrier properties [26],

rendering them particularly interesting as a coating mate-

rial for biomedical implants. For more detailed information

regarding the properties of polyelectrolyte coatings, the

reader is referred to [27, 28].

Although a related study revealed that polyelectrolyte

coatings applied on polycrystalline NiTi remained defect

free under monotonic strains up to 5%, cyclic loading in

the pseudoelastic regime resulted in the formation of sev-

eral small defects within the vicinity of grain boundaries

after 300 cycles [21]. It was demonstrated that film failure

can be attributed to topographic evolution along the

boundaries between highly misoriented grains, which

emerge because of phase transformation-induced strain

inhomogeneities [29]. For long-term implants, defect for-

mation cannot be tolerated as even small uncoated sample

sections may act as a starting point for corrosion and

related Ni-release [19]. In order to improve the coating

system, both the properties of the polyelectrolyte films as

well as the substrate material need to be considered.

Hence, the polyelectrolyte films investigated in the pres-

ent study were modified by heat treatment as well as by

reinforcement of the polyelectrolyte matrix with nano-sized

clay-platelets. Several studies have addressed the improve-

ment of film characteristics, such as stiffness and barrier

properties by heat treatments and the related change from

electrostatic to covalent bonding (e.g., [26, 30]). Similar

improvements have been demonstrated for reinforcement

of polyelectrolyte films with clay-platelets e.g., [31, 32].

Although an improvement of the film integrity during cyclic

superelastic deformation of the substrate can be expected

based on these studies, to the best of the authors’ knowledge

this aspect has not been investigated so far.

As the change in topography across grain boundaries has

been shown to determine the defect formation in thin

polyelectrolyte films [21], more attention should also be

put on the evolution of topography during forward and

reverse transformations of the NiTi-substrate. Given this

scenario, single crystals were also used as grain boundary-

free reference substrate. The present study provides an

analysis of the chemistry of the investigated film

modifications as well as an investigation of the substrate’s

surface evolution employing in situ tests. The data obtained

demonstrate a substantial effect of the nanoclay on form-

ability of the polyelectrolyte films.

Experimental details

Substrate preparation and characterization

Dog bone-shaped samples with a total length of 28 mm and

a gauge section of 9.6 9 2.8 9 2.6 mm3 were electro-

discharge machined (EDM) from a 50.9 at.% NiTi single

crystal bar grown by the Bridgman technique in He envi-

ronment. The tensile axis of the samples was along the

[111] orientation, which implied minimum critical stresses

for phase transformation in tension [33]. Polycrystalline

dog bone-shaped samples with a total length of 32 mm and

a gauge section of 6 9 1.6 9 1.5 mm3 were machined

from a polycrystalline bar of the same chemical composi-

tion. Electron back scatter diffraction (EBSD) measure-

ments revealed that a moderate [111] texture was present

along the tensile axis. For pre-characterization of the

polyelectrolyte films by photoelastic-modulated infrared

reflection absorption spectroscopy (PM-IRRAS) and

ellipsometry, quadratic samples with 20 9 20 9 2 mm3

were cut from the polycrystalline bulk NiTi.

In order to obtain a stable and fully recoverable stress–

strain response, the dog bone-shaped samples were solu-

tionized and subsequently aged at 823 K for 1.5 h (single

crystals) and at 650 K for 1.5 h (polycrystals). These heat

treatments resulted in large (&500 nm), incoherent Ti3Ni4
precipitates at 823 K and small (&10 nm), coherent pre-

cipitates at an aging temperature of 650 K [34]. Although

the larger precipitates resulted in a less stable stress–strain

response as compared with the small precipitates, the

additional decrease of the critical transformation stress was

mandatory for the single crystals as elevated critical stress

levels resulted in premature brittle fracture. Consequently,

the test temperature during pseudoelastic straining was

held at 293 K, although 310 K would be preferable

regarding biomedical applications. However, given the

Clausius–Clapeyron slope of 7.9 MPa K-1 [35], this tem-

perature change would have raised the critical transfor-

mation stress to 360 MPa, which is not compatible with the

mechanical response of the single crystals employed.

Figure 1 depicts the resulting stress–strain response of a

single crystal (full line) and polycrystalline (dashed line)

NiTi sample when strained up to 5%. Both microstructures

demonstrated fully recoverable pseudoelastic strains at

room temperature, while the initial critical stress levels

were found to be 225 MPa for single crystals and 245 MPa

for polycrystals. It is important to mention that the critical

152 J Mater Sci (2012) 47:151–161

123



stress levels decreased slightly during cycling for both the

single crystal and polycrystalline samples; however, fully

recoverable strains of 5% were still achieved even after

several hundred cycles. The larger stress hysteresis of the

polycrystalline NiTi can be attributed to elastic energy

dissipation at the grain boundaries during phase transfor-

mation. Sample surfaces were subjected to mechanical and

electro-polishing using an electrolyte containing 6% per-

chloric acid, 34% buthanol and 60% methanol. To remove

any residue from the surfaces, samples were exposed to

tetrahydrofuran, isopropanol, and ethanol (analytical grade)

for 10 min in an ultrasonic bath and subsequently rinsed

with pure ethanol and dried under a nitrogen stream.

Polyelectrolyte film preparation and characterization

Polyacrylic acid (PAA)/polyallylamine hydrochloride

(PAH) was chosen as the basic coating system since the

properties and the parameters for processing films from

these materials are well understood. Polyallylamine

hydrochloride (PAH, molecular weight (Mw) 70,000,

Aldrich) and polyacrylic acid (PAA, Mw 100,000, Aldrich)

were used without any further purification. Ultrapure water

(resistivity 18 MX cm) was used to prepare polyelectrolyte

solutions for the multilayer assembly with a concentration

of 0.01 M on a repeat unit basis. For preparation of all the

polyelectrolyte films investigated in the present study, the

polyelectrolyte solutions were adjusted to pH7.

Coatings were assembled using a dip coater (Nima

Technology, UK) by immersing the bare substrate alter-

nately in polyanion and polycation solutions for 5 min. In

between, the samples were rinsed with water for 5 min in

order to remove any loose material from the surface. By

repeating this procedure, ten bilayers of PAA/PAH were

assembled which will be referred to as [PAA/PAH]10-pH7 in

the unmodified state. According to heat treatments suggested

in the literature [36], samples coated with unmodified films

were cured at 230 �C in N2 environment for 2 h, hereafter

referred to as [PAA/PAH]10-pH7-cured. For the preparation

of nanoclay-reinforced films, montmorillionite (MMT) was

purchased from Südchemie and exfoliated in water by stir-

ring for several days. After sedimentation for 2 days the

supernatant was utilized to form a 10:1 aqueous solution.

Nanoclay polyelectroyte films were made by alternated

dipping in MMT, PAA, and PAH solutions to form trilayers

of MMT/PAA/PAH. The montmorillionite-reinforced films

will be referred to as [MMT/PAA/PAH]10-pH7 in the present

study. In addition, a combination of MMT-reinforcement

and curing was employed. The glass transition temperatures

(Tg) of the polyelectrolytes used are 80 �C for PAA and

190 �C for PAH [37]. Since increased densities of cross-

linking due to thermally induced covalent bonding result in

elevated transition temperatures, the formability of all film

modifications was investigated below Tg.

In order to characterize the surface chemistry of the

coated substrates and to investigate the initial film thick-

ness of the modified polyelectrolyte films, PM-IRRAS and

ellipsometry measurements were carried out. All the PM-

IRRAS measurements were conducted using a Vertex70/

PMA50 (Bruker Optik GmbH, Germany). The spectra were

recorded with a resolution of 4 cm-1 and averaged over

512 scans. The angle of incidence was set to 80�, and for

the photoelastic modulator, a maximum efficiency of 3,000

with 1,500 cm-1 was chosen. The spectra were processed

using OPUS software (Bruker Optik GmbH, Germany) and

manually baseline corrected.

Ellipsometry experiments were performed with an EP3-

ellipsometer (Nanofilm, Germany) equipped with a laser

with a wavelength of 532 nm. The angle of incidence was

set to 42� and four measurements were done and averaged

for each sample.

Mechanical and microscopic characterizations of bare

and coated substrates

In situ characterization of the surface alterations and

microstructural features of the bare substrates was carried

out using a miniature load frame capable of ±10 kN in

combination with a violet laser (k = 408 nm) confocal

laser scanning microscope (CLSM) and an EBSD system

operated within a scanning electron microscope (SEM).

EBSD measurements within areas of 90 9 90 mm2 were

conducted for both the microstructures at e = 3% and

e = 1.5% during forward and reverse transformations. The

SEM was operated with an acceleration voltage of 20 kV

and a step size of 0.5 lm for the EBSD measurements.

Furthermore, CLSM measurements were carried out on the

uncoated substrates subsequent to the EBSD scans. Inten-

sity batches were recorded during forward and reverse

Fig. 1 Stress–strain response of polycrystalline (dashed line) and

single crystal (full line) 50.9 at.% NiTi at 293 K
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transformations at strain intervals of approximately 0.5%,

using a 1,000 9 objective lens with a numerical aperture of

0.95 and a working distance of 0.2 mm, featuring an axial

resolution of 10 nm. Topographical alterations during

forward and reverse transformation were directly calcu-

lated from the obtained batches.

Cyclic mechanical experiments were carried out using

the miniature load frame in combination with a custom-

built-setup for testing in liquid media. A PMMA-container

was mounted under the sample grips and silicone was

employed to realize a leak-free but ductile seal between the

container and the grips. Detailed information including a

schematic of the experimental set-up can be found in a

related study [21]. The PMMA container was filled with

Hank’s solution such that the sample surface was covered

with about 1 mm solution. The composition of the solution

used in the present study was adopted from the study of

Choubey et al. [38]. As water uptake and softening effects

in the presence of salt ions are known to have an impact on

the mechanical properties of polyelectrolyte assemblies

(e.g., [39, 40]), all the samples were subjected to the

solution 0.5 h before strains were applied, since an equi-

librium state should be reached after this immersion time

according to Tanchak and Barrett [41]. Mechanical cyclic

experiments employing a preliminary immersion time of

24 h revealed no differences regarding the formability of

the polyelectrolyte films as compared to the results pre-

sented in this article. After the initial immersion, tensile

cycling up to e = 5% (Fig. 1) was carried out for substrates

coated with [PAA/PAH]10-pH7, [PAA/PAH]10-pH7-cured,

[MMT/PAA/PAH]10-pH7, and [MMT/PAA/PAH]10-pH7-

cured films. For the polycrystalline substrates, 300 cycles

at a strain rate of _e ¼ 2 � 10�3s�1 were conducted, while

only 50 cycles were carried out for the single crystal sub-

strates. The reason for the different number of cycles will

be explained based on the observed surface alteration

characteristics of the different substrates presented in ‘‘Pre-

characterization of bare substrates’’ Section. After the

mechanical cycling, CLSM images were recorded from the

sample surfaces directly after removing the solution from

the container.

The CLSM data demonstrated that within the gauge

section, all areas behaved similarly. In contrast, topo-

graphic evolutions in the interior of the grains and at the

grain boundaries are different [29]. Therefore, defect

formation on the polycrystalline substrates was docu-

mented within the areas of maximum topographic changes

along critical grain boundaries to ensure the comparability

of the observations on the different film modifications.

Post-deformation microstructural investigations were fea-

sible as good quality EBSD patterns were obtained even

from the coated substrates. At least two samples of each

substrate–film system were tested to check for sample-to-

sample variations. CLSM imaging on apparently

unaffected films was supplemented by atomic force

microscopy (AFM), which provided for an increased

vertical resolution in the sub-nanometer scale. AFM

topography imaging was performed using a JPK Nano-

wizard II Ultra System (JPK Instruments, Germany). The

system was equipped with an antinoise and antivibration

box to minimize environmental influences during imag-

ing. All the AFM-measurements were performed in

intermittent contact mode under ambient conditions in air

using NSC15-type cantilevers (Mikromash, Estonia) with

a resonance frequency of about 320 kHz and a force

constant of 40 N/m. AFM imaging was conducted at a

constant amplitude, which was damped to 98–90% of the

free amplitude for optimal sample–tip interaction. The

scan speed was adjusted between 1 and 2 lm per second,

at a scan resolution of 512 9 512 pixels.

Results

Characterization of the initial chemistry and thickness

of polyelectrolyte films

Schematic assemblies and corresponding PM-IRRAS

measurements of the film modifications investigated in the

present study are depicted in Fig. 2. Figure 2a shows the

schematic assembly of unmodified [PAA/PAH]10-pH7.

The peaks at 1,580 and 1,407 cm-1 can be assigned to the

asymmetric and symmetric stretch vibrations, respectively,

of the deprotonated carboxyl group [26]. The peaks at

2,939 and 2,864 cm-1 belong to the asymmetric and

symmetric stretch vibrations of CH2 of the chain, respec-

tively. The broad peak centered at 3,434 cm-1 is assigned

to NH and OH vibration modes. The signal at 1,634 cm-1

is assigned to the NH deformation vibration [42]. The

individual layers of PAA and PAH adhere to each other

through electrostatic in addition to van-der-Waals forces.

The thickness of the polyelectrolyte layer was determined

as 80 ± 10 nm by ellipsometry.

After the tempering process (Fig. 2b), the chemical

structure of the polyelectrolyte layer changed significantly.

The signals for OH and CH2 vibrations remained, whereas

the peak intensities for COO- and NH vibrations are

replaced by signals at 1,666 and 1,550 cm-1, respectively,

corresponding to an amide bond [36]. The peak at

1,726 cm-1 indicates remaining COOH groups [26].

Thickness measurements revealed a small decrease in layer

thickness to 65 ± 10 nm.

In the case of [MMT/PAA/PAH]10-pH7, the spectra

included additional signals for Si–O–Si (1,097 cm-1) and
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Si–OH (940 cm-1) bonds [43] corresponding to incorpo-

rated MMT particles [44]. The layer thickness was deter-

mined to be 75 ± 10 nm.

Pre-characterization of bare substrates

In order to characterize the phase transformation-induced

surface evolution during pseudoelastic cycling, in situ

EBSD and CLSM measurements were carried out. A pre-

vious study had revealed that topography evolution at grain

boundaries is the main mechanism for defect formation in

[PAA/PAH]-coated polycrystalline NiTi substrates [21]

and detailed in situ experiments demonstrated that

topography-induced strains can be higher by one order of

magnitude compared with global strains when measured by

digital image correlation [29]. In order to shed light on

phase boundary effects, microstructural and topographic

evolutions during the whole forward and reverse transfor-

mations were determined on polycrystalline and single

crystal substrates.

Figure 3 depicts EBSD image quality patterns of a

polycrystalline NiTi microstructure during forward

(Fig. 3a) and reverse (Fig. 3b) transformations. EBSD

measurements were carried out during maximum transfor-

mation activity within the near-[111]-oriented grain shown

in the center of Fig. 3a, b. Comparing Fig. 3a with 3b,

Fig. 2 Schematic film

assembly and corresponding

PM-IRRAS spectra of

a unmodified PAA/PAH films,

b cured PAA/PAH films, and

c MMT-reinforced PAA/PAH

films

Fig. 3 In situ EBSD quality

images recorded from a

polycrystalline NiTi substrate

during a forward and b reverse

transformations. In situ

observations for single crystal

NiTi during d forward and

e reverse transformation

supplemented by CLSM

measurements. The reliefs

shown in figure c and

f correspond to the topographic

measurements along the phase

boundaries present during

forward and reverse

transformations indicated by the

red lines. Stress axis is

horizontal (Color figure online)
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fundamental differences in the morphology of surface

martensite during forward and reverse transformation are

revealed. Numerous martensite plates appear in a slender,

lenticular form during loading. Two different variants were

determined from the EBSD data. The predominant variant

forms plates along a 60� angle relative to the loading

axis. Based on the crystallography measured using EBSD

and in situ TEM observations on polycrystalline NiTi

samples reported by Tirry and Schryvers [45] the formation

of [1 -1 0]-B190martensite from [111]-oriented B2-austenite

dominates. Although strain incompatibilities at the grain

boundaries are reduced within the investigated area

(Fig. 3a, b) because of minor transformation strain differ-

ences, some minor grain boundary effects can be observed,

cf. the grain in the lower left of Fig. 3a, b. During

unloading (Fig. 3b), solely the [1 -1 0]-B190 system was

detectable within the austenite matrix. Compared with the

martensite morphology during loading, fewer but wider

plates were present (Fig. 3b).

In the following, topography effects associated with

phase boundary motion are investigated regarding their

impact on the formation of defects in the thin films. High

resolution CLSM data recorded along the red lines in

Fig. 3a (efor) and 3b (erev) are plotted in Fig. 3c, where e0

marks the initial relief in the undeformed state. Following

the approach employed to quantify the topography effect at

grain boundaries in polycrystalline NiTi [29], the lengths of

the profiles measured across the phase boundaries during

forward and reverse transformations were related to the

initial profile lengths. Profile length elongations of 12 and

17% during loading and unloading, respectively, indicate

that phase boundary topographies are more relevant for

defect formation in the applied films than lateral local

strains, which range between 6–10% [29]. Interestingly, the

topography is more pronounced during reverse transfor-

mation, which will be discussed regarding geometric and

interfacial properties of the martensite in Chapter 4.

The lower part of Fig. 3d shows an image quality scan

obtained on a single crystal with the martensite fronts

passing through. The scan reveals the presence of a

dominant variant and a secondary variant. The EBSD data

indicated that the same main variant as in the polycrystalline

near-[111] austenite grain is forming, although a small

deviation regarding the angle between load axis and mar-

tensite front could be observed. Phase transformation was

easily detectable by CLSM because of the larger topography

effects (Fig. 3f) observed during forward (Fig. 3d) and

reverse transformations (Fig. 3e). During unloading

(Fig. 3e), the intensity image reveals the presence of a wider

martensitic front, indicated by the darker surface area. The

measured maximum height differences of 500 and 800 nm

can be converted to local profile-related elongations of 75

and 125% during loading and unloading, respectively.

Although these calculations are strongly dependent on the

length of the considered profile, the results shown in Fig. 3f,

which were calculated based on an initial profile length of

15 lm for both substrates, indicate that topography-induced

strains are one order of magnitude higher in the single

crystals as compared with the polycrystalline substrates.

Based on the data obtained, it is assumed that a phase

boundary-related topography change is the governing

mechanism for defect formation in thin films applied onto

single crystal NiTi substrates.

Figure 4 summarizes the evolution of maximum surface

topography with macroscopic strains during forward and

reverse transformations measured across phase boundaries

on the polycrystalline sample shown in Fig. 3a, b (diamonds)

and interfaces on the single crystal sample shown in Fig. 3d,

e (squares). In addition, the topographic evolution across a

boundary between highly misoriented grains recorded from

a polycrystalline substrate is also included (dots). All

graphs show elevated reliefs emerging mainly between 2

and 5% strains, although the stress–strain response in

Fig. 1 indicates the onset of the martensite formation at

approximately 1% macroscopic strain. This can be related

to the fact that martensite nucleation is often triggered by

stress peaks present near the sample grips (e.g., [46]) and,

thus, first transformation within the center of the gauge

section is only observed at larger macroscopic strains. For

both substrates, the largest topographic changes at phase

Fig. 4 Maximum topography

heights measured along phase

boundaries on polycrystalline

(diamonds) and single crystal

substrates (squares) as well as

across a highly misoriented

grain boundary (dots) during

forward and reverse

transformation
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boundaries are present during initial forward and final

reverse transformations. For both the single crystal and the

polycrystalline substrates, effects are higher during reverse

transformation while the topographic reliefs were always

more prominent in the single crystals. Comparing the

surface evolution on the polycrystalline substrates, it

becomes apparent that topography effects are higher along

grain boundaries than at phase boundaries, which is in good

agreement with recent results on the formation of defects in

thin polyelectrolyte coatings on polycrystalline substrates

[21].

Altogether, the results presented in this section charac-

terize and quantify the prevailing conditions on polycrys-

talline and single crystal substrates during forward and

reverse transformations. Therefore, the formability and the

defect formation within different polyelectrolyte film

modifications can be compared, even though the different

coating modifications could not be tested on exactly the

same sample surface.

Characterization of polyelectrolyte film–substrate

systems

Figure 5 summarizes the microscopic observations sub-

sequent to straining in Hank’s solution. The polycrystalline

substrates coated with polyelectrolyte in the unmodified

and modified states are depicted in the left part of Fig. 5.

The untreated [PAA/PAH]10-pH7 films demonstrated

good formability and only few ‘‘spot-like’’ defects were

observed (bright spots) after 300 cycles. Defects formed

predominantly in the vicinity of those grain boundaries that

were determined to be critical according to the topographic

evolution shown in Fig. 4. Curing of the polyelectrolyte

coatings lowered the formability performance remarkably.

As shown in fig. 5b, large ‘‘crack-like’’ defects formed

predominantly perpendicular to the loading axis to such an

extent that delamination of the polyelectrolyte film was

observed. Apparently, pronounced crack formation and

delamination took place at an early deformation state, and

most defects showed no clear relation to the microstruc-

tural features. It is supposed that the extensive cracking and

delamination resulted in permanent relaxation of the ther-

mally cured films, and therefore no further defect formation

along otherwise critical topographies occurred. In contrast,

a positive impact of the nanoclay reinforcement on the

formability of [MMT/PAA/PAH]10-pH7 polyelectrolyte is

demonstrated in Fig. 5c. Although an elevated topographic

formation was observed along the grain boundary marked

in red, 300 strain cycles did not induce any microscopically

traceable defects. Interestingly, the composite of cured

[PAA/PAH]10-pH7 including nanoclays (Fig. 5d) shows

‘‘crack-like’’ defect formation, indicating that in particular

the covalent bonds reduce the formability.

The polyelectrolyte films that were applied on the single

crystals were subjected to only 50 cycles, as accelerated

defect formation was observed because of elevated topo-

graphic effects at phase boundaries (Fig. 4). The topo-

graphic evolution resulted in the formation of slender,

‘‘crack-like’’ defects along the phase boundaries in

unmodified [PAA/PAH]10-pH7 films as seen in Fig. 5e.

This demonstrates the detrimental impact of the large

height differences on the single crystal substrates as com-

pared with the polycrystalline specimens (Fig. 5a). Fur-

thermore, [PAA/PAH]10-pH7-cured films revealed distinct

cracks emerging in a ‘‘grid-like’’ pattern (Fig. 5f) oriented

along the same direction as the phase fronts shown in

Fig. 3d, e. These defects can certainly be related to phase

front induced effects; however, in contrast to the poly-

crystalline substrate (Fig. 5b), no delamination was

observed. Hence, it can be assumed that the elevated

accumulated strains in the polycrystals due to the higher

cycle number finally caused flaking of the polyelectrolyte

films.

Confirming the results from the polycrystalline sub-

strates (Fig. 5c), [MMT/PAA/PAH]10-pH7 films showed

no defects after straining on the single crystal substrates

(Fig. 5g), demonstrating that nanoclay-reinforced films can

even endure extreme changes in surface topography. It is

noteworthy to mention that the tiny spots seen in Fig. 5g

are artifacts from the LBL-assembly and were already

present before straining. Interestingly, the combination of

MMT-reinforcement and curing shown in Fig. 5h resulted

in a remarkably reduced defect formation on the single

crystals as compared to the purely cured films (Fig. 5f) and

films of the same type on polycrystals (Fig. 5d). This can

be related to the positive impact of the nanoclay as well as

the lower number of cycles and, hence, a smaller accu-

mulated strain in case of the single crystal substrates.

A distinct impact of phase boundary effects was

observed for single crystal substrates while defect forma-

tion on polycrystals was predominantly triggered by

accumulated local strains at grain boundaries. Unmodified

[PAA/PAH]10-pH7 films demonstrated good formability

revealing a few defects along grain or phase boundaries. In

contrast, covalent bonding induced by heat treatment had a

negative impact on the formability on both substrates.

However, nanoclays included into an electrostatically

bonded polyelectrolyte matrix resulted in a remarkable

improvement of formability as observed for both sub-

strates. As no defects were observable in the microscope

images (Fig. 5c, g), additional AFM-images were recorded

from [MMT/PAA/PAH]10-pH7-coated polycrystalline

NiTi prior (Fig. 6a) and subsequent (Fig. 6b) to straining to

provide higher resolution data. In the initial state, the

coated surface formed a ‘‘dome-like’’ structure revealing a

root-mean-squared roughness (RMS) of 3.8 nm, which is
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in good agreement with AFM-measurements reported

before [47]. After mechanical testing in Hank’s solution, a

distinct increase of surface roughness up to a RMS value of

6.7 nm was observed including a distinct elevation in the

center of Fig. 6b. This may be attributed to local buckling

because of substrate surface topography as well as by

swelling and precipitation caused by immersion in Hank’s

solution. However, the most important finding is that no

defects are seen in Fig. 6b. This was confirmed by an

extended set of measurements attesting to the excellent

formability of the polyelectrolytes reinforced with nano-

clay-platelets.

Discussion

As demonstrated by the in situ EBSD and CLSM data in

Fig. 3, martensitic variants of different geometric dimen-

sions nucleate in the polycrystalline and the single crystal

substrates. Moreover, the martensite morphologies deviate

Fig. 5 Light optical images

recorded subsequent to

mechanical testing from

polycrystalline (a–d) and single

crystal substrates (e–h) coated

with a ? e [PAA/PAH]10-pH7,

b ? f [PAA/PAH]10-pH7-

cured, c ? g [MMT/PAA/

PAH]10-pH7, and

d ? h [MMT/PAA/PAH]10-

pH7 ? cured polyelectrolyte

films. For the polycrystalline

substrates, microstructure

details are superimposed.

Critical grain boundaries

determined based on

topography data (Fig. 4) are

plotted in red. Loading direction

is horizontal for all the shown

images (Color figure online)
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for forward and reverse transformations. It has been

reported before that topographic effects at phase bound-

aries may be explained based on geometric and interfacial

properties of the martensitic domains [48]. Furthermore,

the equilibrium martensitic domain geometry is dependent

on the elastic strain energy present at the phase boundaries

as well as the surface energy of the martensitic domain

[48–50]. The aspect ratio of martensitic domains is crucial

for the surface energy [48]. The maximum domain length

is basically determined by the grain size in polycrystalline

samples and by the sample width in case of single crystals.

Consequently, martensitic plate lengths in the range of

some microns and some millimeters are observed in

polycrystalline samples and the single crystals, respec-

tively. As the surface energy can be reduced by an

advantageous aspect ratio, wider domains are present in

single crystals. From AFM-measurements [51, 52] it can be

seen that the domain width determines relief heights

because of a tilt of the surface from the austenitic to the

martensitic phase. While theoretical and experimental

investigations revealed that different martensitic variants

result in different tilt angles ranging from 4 to 13� [45, 51–

53], wider domains always resulted in elevated topography

at phase boundaries ranging from 60 nm to 3 lm [48, 52,

53]. Figure 3 reveals that fewer but wider fronts are active

during reverse transformation in NiTi. Both the higher

topography in the single crystals as well as the elevated

topography during reverse transformations can be explained

based on the geometric aspects of the martensite domains.

For the defect formation in the coatings, two more

aspects of martensite nucleation and propagation have to be

considered. It has been reported that topographic effects in

NiTi remain stable during mechanical cycling [48]

although domain fronts may become less clear. In addition,

Tirry et al. [45] reported that, based on in situ TEM

observations, during repeated loading and unloading mar-

tensite plates always nucleate at the same position and

grow in the same direction. This indicates that topographic

effects at phase boundaries are localized and repeated

during mechanical cycling. Therefore, phase boundaries in

single crystal NiTi are most critical for the formability of

the applied films, while grain boundary-induced topogra-

phies are determining defect formation in polycrystals

where the phase boundary reliefs are less prominent. Thus,

for the envisaged applications of coated NiTi substrates, an

adjustment of the substrate microstructure with respect to

texture and grain size is needed to reduce phase or grain

boundary-induced topography effects.

Obviously, nanoclay-reinforced films demonstrated

enhanced formability as compared to unmodified [PAA/

PAH]10-pH7, while cured films exhibited an extensive

formation of defects (Fig. 5). Clearly, the different defor-

mation properties of the films have to be related to the

mechanical behavior of the substrate, but there is also an

impact of the saline solutions to the differently modified

polyelectrolyte films.

The mechanical properties of weak polyelectrolytes

such as [PAA/PAH] are basically determined by the pH-

value of the solution during assembly and the resulting

chain morphology. For the pH-value used in the present

study, high electrostatic intermolecular forces and flattened

and extended chains are obtained [54], featuring a Young’s

modulus of up to 108 Pa in the dry state [55]. When treated

with pure water, polyelectrolytes demonstrate pronounced

swelling, which ranges from 11 to 40% of the initial

thickness [41, 56, 57]. Swelling is caused by the water

entering through the polyelectrolyte film, diffusing to the

hydrophilic regions in the vicinity of charged polymer

groups [57], which brings about a remarkable decrease of

Young’s modulus by one to two orders of magnitude [39,

54, 57]. The presence of salt ions increases the degree of

swelling as polymer pairs associate salt ions [58], and

thereby the ‘‘intrinsic’’ electrostatic charge compensation is

partially replaced by ‘‘extrinsic’’ compensation by the salt

ions [40, 59, 60]. For the [PAA/PAH]10-pH7 films inves-

tigated in the present study, a distinct softening due to

swelling in Hank’s solution can be assumed, allowing for

Fig. 6 AFM images of a [MMT/PAA/PAH]10-pH7-coated polycrys-

talline substrate a before and b after 300 cycles with 5% macroscopic

maximum strain per cycle
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good accommodation of external strains as the polymer

chains become highly mobile [54]. However, owing to the

reduced level of crosslinking, defects can form during

repeated straining in areas of elevated topographic effects

as shown in Fig. 5a, e.

Heating of electrostatically crosslinked polyelectrolyte

films to temperatures above 215 �C involves a substitution

of the electrostatic COO-/H3N linkage by a covalent

CO–NH bond [26], as schematically shown in Fig. 2. This

conversion results in a highly linked and dense chain

structure providing an increase of Young’s modulus in the

range of one order of magnitude [30, 61, 62]. As reported

by Pavoor et al. [54], covalent bonds limit the degree of

swelling and, hence, the Young’s modulus of cured films is

still one order of magnitude higher in the swollen state as

compared to electrostatically crosslinked [PAA/PAH]. This

could explain the high extent of defect formation in ther-

mally cured polyelectrolyte films (Fig. 5b, f), as the poly-

mer chains are less mobile and do not accommodate

elevated externally applied strains. Additional experiments

demonstrated that even a low covalent bond fraction

established by heat treating at 180 �C for 4 h resulted in a

similar defect pattern after pseudoelastic cycling in Hank’s

solution, pointing out the drastic impact of amide bonding

on the formability of polyelectrolyte coatings.

Polyelectrolyte films loaded with MMT-nanoclays

demonstrated the highest formability during cyclic strain-

ing (Fig. 5c, g). Since exfoliated and dispersed nano-

platelets provide a high degree of interfacial electrostatic

interaction with the polymer chains, the modulus of the

composites increases remarkably as reported for several

polymer–clay systems (e.g., [31, 63–66]). Interestingly, the

increase of stiffness is accompanied by an enhanced

elongation to failure, which is attributed to a more ‘‘dan-

gling’’ chain formation and conformational effects at the

clay–matrix interface [31]. Furthermore, the degree of

water uptake can be limited by clay loading [32, 67].

Hence, the improved stiffness, elongation to failure, and

the reduced sensitivity to swelling-related softening

explains the integrity of the [MMT/PAA/PAH]10-pH7 films

after mechanical testing in Hanks’s solution. The combi-

nation of thermal curing and nanoclay reinforcement is

known to further increase Young’s modulus; however, the

elongation to failure is reduced [68, 69], which can be

attributed to covalent bondings.

For biomedical applications of the polyelectrolyte films

as protective coatings on NiTi substrates other aspects,

such as the impact of body temperature on the swelling

behavior or the barrier properties, have to be considered.

Interestingly, clay loading [32] and thermal curing [36]

have already demonstrated to improve the barrier proper-

ties as well as enhancing wear resistance [70, 71]. Given

the observed excellent formability of the nanoclay-

reinforced systems, modified polyelectrolyte films appear

to be promising candidate materials for biomedical

applications.

Conclusions

The present study establishes a clear relation between

phase transformation characteristics in polycrystalline and

single crystal NiTi SMAs and the defect formation in thin

polyelectrolyte films applied onto these substrates. More-

over, the differences in formability of unmodified, ther-

mally cured, and nanoclay-reinforced polyelectrolyte films

can be related to their chemical characteristics and their

swelling behavior in saline media. The main results can be

summarized as follows:

1) Elevated phase boundary topographies emerge in

single crystals as compared with polycrystals, which

can be related to interfacial and geometric features of

the martensite domains.

2) Phase boundary related topographic evolution governs

the defect formation in polyelectrolytes applied on

single crystal substrates. In contrast, defects in thin

polyelectrolyte films emerge predominantly in the

vicinity of critical grain boundaries, in case of

polycrystalline samples.

3) Thermal curing treatment decreased the formability of

the polyelectrolyte films remarkably because of the

formation of less mobile covalently bonded chains.

4) Nanoclay-reinforced, highly electrostatically cross-

linked films demonstrated superior formability on

both substrates employed.
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